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Abstract

In this study, an attempt has been made to synthesize 1.0 wt % nano-Y,Os dispersed ferritic
alloys with nominal compositions: 83.0Fe-13.5Cr-2.0A1-0.5Ti (alloy A), 79.0Fe-17.5Cr-2.0Al-
0.5Ti (alloy B), 75.0Fe-21.5Cr-2.0A1-0.5Ti (alloy C), and 71.0Fe-25.5Cr-2.0A1-0.5Ti (alloy D)
steels (all in wt %) by solid state mechanical alloying route and consolidation the milled powder
by high pressure sintering at 873 K (600°C), 1073 K (800°C) and 1273 K (1000°C) using 8 GPa
uniaxial pressure for 3 min. Subsequently, an extensive effort has been undertaken to characterize
the microstructural and phase evolution by X-ray diffraction, scanning and transmission electron
microscopy and energy dispersive spectroscopy. Mechanical properties including hardness,
compressive strength, Young’s modulus and fracture toughness were determined using
micro/nano-indentation unit and universal testing machine. The present ferritic alloys record
extraordinary levels of compressive strength (1150-2550 MPa), Young’s modulus (200-240GPa),
indentation fracture toughness (3.6 to 15.4 MPaVm) and hardness (13.5-18.5 GPa) and measure
up to 1.5-2 times greater strength but with a lower density (~ 7.4 Mg/m®) than other oxide
dispersion strengthen ferritic steels (< 1200 MPa) or tungsten based alloys (< 2200 MPa). Besides
superior mechanical strength, the novelty of these alloys lies in the unique microstructure
comprising uniform distribution of either nanomertic (~10 nm) oxide (Y;Ti,07/ Y,TiOs or un-
reacted Y,03) or intermetallic (Fe; T1Y and Aly2,Cr;78Y) particles ferritic matrix useful for grain

boundary pinning and creep resistance.
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I.INTRODUCTION

Ferritic alloys are considered a suitable candidate for heat resistant structural applications
in nuclear and thermal power plants and fast breeder reactors due to the unique combination of
body center cubic structure with good swelling resistance, low co-efficient of thermal expansion,
high thermal conductivity, good oxidation and creep resistance and high tensile/compressive
strength. However, utility of ferritic alloy is limited to temperatures of up to 823 K (550°C) due
to lack of or inadequate creep strength above that temperature. A possible strategy to improve
strength at room temperature and elevated temperatures is to strengthen the matrix by uniform
dispersion of nanometric oxide that would prevent grain boundary sliding. Oxide dispersion
strengthened steels produced by mechanical alloying with Y,0O; dispersion have recorded higher
creep strength compared to traditional ferritic/martensitic steels/alloys of similar compositions
[1-4]. Oxide dispersion strengthening in metallic alloys is more effective when the dispersoids
are small and uniformly dispersed in the ferrite matrix. It has been demonstrated that oxide-
dispersion strengthened ferritic steels/alloys can maintain good mechanical properties at elevated
temperatures and have greater swelling resistance than the austenitic steels [5—14]. Mechanical
alloying is a solid state processing route to synthesize alloys from elements/components
possessing widely different physical/chemical/thermodynamic properties that could pose
evaporation/segregation/inhomogeneity  related  problems  while processing through
melting/casting route. Mechanical alloying enables uniform dispersion of nano-sized oxide
particles such as yttria (Y,03) in the ferritic matrix. However, the product is alloyed powder (not
a bulk component) with novel microstructure including extended solid solution in nanostructured
or amorphous state. In order to assess the mechanical properties and study the deformation
mechanism, these powders need to be consolidated into solid components with adequate density
and integrity by a suitable technique that allows retention of the as-milled microstructure and
phase aggregate. In the past, several techniques have been explored to consolidate the

mechanically alloyed powder e.g., hot extrusion [15-17], equichannel angular extrusion [18-20],



hot pressing [21, 22], cold consolidation using severe plastic deformation [23, 24] and hydrostatic
extrusion [25]. Recently, sintered products with high density have been obtained by high-pressure
sintering, which involves the application of very high uniaxial pressure (up to 8 GPa) at an
elevated temperature only for a short period (~1-3 min) of time [26, 27]. The primary advantage
of this sintering route lies in the application of very high pressure only for limited time at a very
high temperature for densification of the powders. Recently, we have reported consolidation of
the same set of mechanically alloyed ferritic alloys by hot isostatic pressing at 873-1273 K (600-
1000 °C) under 1.2 GPa uniaxial pressure [28, 29] and pulse plasma sintering at 873-1273 K
(600-1000 °C) using 75 MPa uniaxial pressure applied for 5 min and 70 kA pulse current at 3 Hz
pulse frequency [30].

The present investigation aims to synthesize nano-Y,Os dispersed Fe-Cr-Al-Ti ferritic
alloys by mechanically alloying/milling, consolidate the milled powder by high pressure sintering
at 873-1273 K (600-1000 °C) and assess physical (density and porosity) and mechanical
properties (hardness, Young’s modulus, compressive strength, indentation fracture toughness) of

the alloys to establish the structure-property-process parameter correlation.

I[I. EXPERIMENTAL PROCEDURE

Appropriate amounts of pure Fe, Cr, Al, Ti and Y,03; powder, each constituent having >
99.5 wt % purity with particle size of about 50-100 pm, were subjected to mechanical alloying in
high-energy planetary ball mill with 10:1 ball to powder mass ratio in stainless steel container
with 10 mm diameter stainless steel balls to yield four different single phase Fe-Cr-Al-Ti alloys
with 1.0 wt % nano-Y,O; dispersion at room temperature. The chemical composition of powder
blends subjected to mechanical alloying is summarized at Table 1. Milling was carried out in wet

(toluene) medium to prevent agglomeration of the powders and to retard oxidation beyond the



initial stage of milling. The identity and sequence of the phase evolution at different stages of
mechanical alloying were studied by X-ray diffraction (XRD) using Co-K,, (0.707 nm) radiation
and scanning (SEM) and transmission electron microscopy (TEM). The alloy powder was pre-
compacted under 50 MPa pressure in vacuum (4.5 x 10 mbar) using manual press. The cold
pressed cylindrical preforms of 7 mm diameter and 4-5 mm height were placed in special CaCOs3
ceramic containers, positioned between tungsten carbide anvils with graphite susceptor coil
surrounding the crucible and sintered at 873 K (600°C), 1073 K (800°C) and 1273 K (1000°C)
under 8 GPa uniaxial pressure. While the pressure was gradually increased to 8 GPa, heating
through the graphite susceptor was applied only for 3 min. This transient heating at extremely
high pressure produced high density product. Following sintering, the samples (7.0 mm diameter
cylindrical compacts) were allowed to cool to room temperature inside the ceramic die and
subjected to subsequent characterization.

Morphology, size, shape and distribution of the phases in the powders or sintered
components and surface damage in worn tracks were studied using a field emission gun assisted
scanning electron microscopy (FESEM, make: Carl Zeiss, Supra 40 V). Electron transparent thin
foils were prepared for transmission electron microscopy studies initially by mechanical
polishing followed by argon ion thinning using a GATAN precision ion mill for about 30 min.
Selected foils prepared from alloys sintered at 1273 K (1000 °C) were examined under a high
resolution transmission electron microscope (HRTEM) operated at 200 kV, JEM 1200 (JEOL,
200 kV) with double spherical aberration correctors and SEM Hitachi S-5500, using both bright
and dark field as well as high resolution lattice imaging mode. Selected area diffraction (SAD)
analysis was conducted to identify the phases present in the milled/sintered product. Qualitative
information on chemical compositions at different locations was obtained using the energy
dispersive spectroscopy (EDS) units (Oxford, UK) equipped with an ultra-thin window and

attached to both the FESEM and HRTEM.



The density and porosity of milled powders and sintered products were determined by
using a helium pycnometer (AccuPyc 1330) [31]. The average hardness of the samples was
measured by using standard nano-indentation hardness (Tribolndenter with MultiRange
NanoProbe, Hysitron) tester at 200 mN load. Each hardness value reflects an average of 25
individual measurements by nano-indentation at equivalent locations. The sintered samples were
indented using Vickers micro-hardness tester (Leica, USA) with loads in the range of 1-20 kgf
applied for a dwell time of 15 s. The lengths of cracks at the corner of indentations were
measured at room temperature by analyzing the FESEM images to estimate the indentation
fracture toughness. As the crack lengths exceeded three times the length of half-diagonal of their
corresponding indentation, the empirical relationship proposed by Nihara et al. [32] for median

cracks was employed to determine the fracture toughness (Kc) as follows:

2
Kie =0.010(2)° () M
C’ 2

Where, E is the Young’s modulus, H is the micro-hardness, P is the load used for indentation and
C is the characteristic crack length, respectively. Similar indentation studies with the same set of
alloys in hot isostatic pressing were recently reported by Karak et al. [29].

Specimens with square cross-section and approximate dimensions of 3 mm X 3 mm x 6
mm were cut from the sintered samples for compression tests at room temperature in a 10 kN
universal testing machine with tungsten carbide anvils operated at strain rate of 1.0 x 10~ s™". The
load and displacement were measured using a quartz load cell with an accuracy of £ 1.0 N and a
LVDT an extensometer with an accuracy of £ 1.0 um. During the compression test, the

commencement of micro-cracking was monitored by acoustic emission method [33]. The fracture

surfaces after compression tests were studied using FESEM with EDS.



[11. RESULTSAND DISCUSSION

Figures 1 to 4 show the XRD patterns of the four different powder blends, listed in Table
1 as alloys A, B, C, and D, respectively. These blends were subjected to mechanical alloying for
different cumulative time periods (0 to 40 h).

It is apparent that the milled product in each case is a single phase body centre cubic
(BCC) solid solution indicating that Cr, Al and Ti completely dissolve in Fe in course of high-
energy ball milling for 30-40 h. The added Y,0O;3 (1.0 wt %) was too small to produce separate
peaks. Furthermore, the increase in full width at half maximum (A0) with milling time suggests
that both crystallite size reduction and plastic strain accumulation are significant. Careful analysis
of AB of the most prominent peak in a given XRD profile allows determination of plastic strain
and crystallite size using the standard peak broadening analysis procedure based on Scherrer
equation after elimination of contributions from the strain and instrumental error [34]. This
exercise, presented in Figure 5, shows the variation of accumulated plastic strain and crystallite
size as a function of milling time for all the four alloys. It is apparent that the crystallite size
reaches truly nanometric level within 10 h of mechanical alloying. It may be noted that
equilibrium solubility limit of Cr and Ti in o-Fe is 9.19 wt% and 0.0005 wt% (approximately),
respectively; Al may dissolve in o-Fe up to 32.6 wt%. Perhaps, substantial reduction of crystallite
size of the solvent (a-Fe) aids easy dissolution of all solute atoms (Cr, Ti and Al) and formation
of single phase solid solution due to Gibbs-Thompson effect [35]. It is apparent that decrease in
crystallite size and increase in residual strain of all the alloys is influenced by Cr content. The
BET surface area and true powder density of the alloys A, B, C and D are summarized in Table 2.
It may be noted that the surface area gradually increases with increasing Cr content of the alloys.
Figure 6 (a, b) and Figure 7 (a, b) show the typical bright field TEM image and corresponding
selected area diffraction (SAD) pattern of the 40 h milled powders of alloy A and D, respectively.
The powder particles contain nanocrystalline BCC-Fe grains with intermetallic phase and mixed

oxide phase dispersed in the matrix. The corresponding SAD pattern shows diffraction rings that
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can be indexed as the (110), (200) and (211) planes of the BCC Fe-Cr phase, (222) plane of the
Y,Ti,07 or (201) plane of the Y,TiOs mixed oxide phase and (222) of the un-reacted Y,0O3 phase,
respectively. The calculated interplanar spacings (d) of BCC Fe-Cr phase matches with the
standard d-values of 0.2020 nm for (110), 0.1430 nm for (200) and 0.1010 nm for (220) planes,
respectively. Similarly, the measured d-values match with the standard values of 0.2914 nm for
(222) of Y,Ti;07 and 0.3012 nm for (201) of Y,TiOs mixed oxide, respectively. The weak-
intensity inner ring (d = 0.3062 nm) in Figure 6b can be attributed to (222) of un-reacted (ex-
situ) Y,Oj; phase.

The interplanar spacing (d) calculated form one set of rings in both Figure 6b and Figure
7b match with those of Y,Ti,O7[36] Thus, Figure 6 and Figure 7 confirm the presence of 10-20
nm Y,Ti;07; / Y,TiOs or unreacted Y,Os particles distributed uniformly in the BCC-Fe(Cr)
matrix synthesized by the present mechanical alloying routine. It may be mentioned that
presence/detection of Y,Ti,0; instead of Y,0; in the SAD patterns suggests that Ti-ion has
possibly penetrated into and partially substituted Y in Y,O3 to form the Y,Ti,0O7 / Y,TiOs mixed
oxides, besides retaining some un-reacted Y,O3 pure oxide during mechanical alloying.

Figure 8 to Figure 11 show the XRD pattern of the alloys A, B, C and D following high
pressure sintering at 873 K (600°C), 1073 K (800°C) and 1273 K (1000°C), respectively. It
appears that BCC-Fe(Cr) phase is the predominant constituent of the sintered product along with
intermetallic phases like Fe;;TiY and Alg,,Cr;73Y, in addition to the presence of mixed oxide
phase Y,Ti,07/ Y,TiOs or un-reacted Y,Os;. It may be noted that the presence of Y,Ti,O7/
Y,TiOs or unreacted Y,O3; was already noted in the mechanically alloyed product prior to
sintering (Figures 6, 7). The other two phases have formed during sintering at 873-1273 K (600-
1000 °C) under high pressure.

Figure 12 shows he bulk EDS analysis of alloy A sintered at 1273 K (1000°C), confirms
the presence of elements Fe, Cr, Al, Ti, Y. Table 3 presents the summary of EDS analysis of all

the four alloys in mechanically alloyed (40 h) and sintered conditions. Besides confirming the



presence of elements Fe, Cr, Al, Ti and Y, the results suggest that the final milled/sintered
products retain practically the same composition as the initial powder blend without incurring any
major materials loss due to oxidation or dilution due to impurity pick up.

Figures 13 (a-c) shows the bright field and dark field TEM image and the corresponding
SAD of alloy A sintered at 873 K (600°C). Figure 13a evidences the presence of 10-20 nm
ultrafine particles distributed uniformly in the matrix. Figure 13c confirms these nanomatric
particles as Y,Ti,07 / Y,TiOs or un-reacted Y,0O3; embedded in the BCC-Fe(Cr) matrix. Figure 14
(a, b) show the bright field and corresponding SAD pattern of alloy A sintered at 1273 K
(1000°C). It is apparent that increase in sintering temperature from 873 K (600 °C) to 1273 K
(1000°C) leads to substantial grain growth.

Figure 15 shows the variation of density and porosity as a function of sintering
temperature for the four different alloys. As sintering temperature increases the density increases
and porosity decreases in all the present alloys. It is apparent that the maximum density is
attained by sintering at the highest temperature (1273 K (1000°C)) in all the four alloys. By the
same logic, the lowest density is obtained by consolidation at the lowest temperature (873 K
(600°C)). This is due to incomplete grain bridge formations or welding at low temperature.
Similar kind of results were obtained from the same set of ferritic alloys by hot isostatic pressing
at 873-1273 K (600-1000 °C) under 1.2 GPa uniaxial pressure by Karak et al. [29] and pulse
plasma sintering at 873-1273 K (600-1000 °C) using 75 MPa uniaxial pressure applied for 5 min
and 70 kA pulse current at 3 Hz pulse frequency by Karak et al. [30]. Beside such results from
our group [29, 30], similar results on the role of temperature in sintering of mechanically alloyed
powders in other alloy system were also reported, e.g. by Roy et al. [37] in AlgsCuyTi;s alloy,
Mao-lin et al. [38] in nano-SiC, Yang et al. [39] in WC-ZrO,-VC ceramic composites, Zhaohui et
al. [40] in cubic boron nitride and Ardestani et al. [41] in W-20-40 wt% Cu composite powder.

Figure 16 shows the variation of the Young’s modulus and hardness of the mechanically
alloyed and sintered products of all the four alloys as a function of the sintering temperature. It is
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apparent that high pressure sintering of all the alloys at 1273 K (1000 °C) yields the highest
hardness and Young’s modulus. This enhanced strength at higher temperature may be attributed
to stronger diffusional bond and structural integrity achieved due to greater diffusional activity,
despite grain growth, at 1273 K (1000 °C) than that obtained at 873 K (600 °C) or 1073 K (800
°C). Based on the observations from the results presented in Figures 15 and 16, it is possible to
infer that the maximum Young’s modulus and hardness is obtained under the processing
condition that yields the highest density. Obviously, the density, Young’s modulus and hardness
of the alloys sintered at low temperature (say, 873 K or 600 °C) are lower for the condition that
yields incomplete densification. However, the increase in hardness and Young’s modulus on
pressing at the higher temperature can probably be attributed to the densification of matrix as
well as pinning of the grain boundary by the uniform distribution of Y,Ti,0O7/ Y,TiOs or un-
reacted Y,0s3 Very similar trend of results was obtained of the same set of ferritic alloys by hot
isostatic pressing at 873-1273 K (600-1000 °C) under 1.2 GPa uniaxial pressure by Karak et al.
[29] and pulse plasma sintering at 873-1273 K (600-1000 °C) using 75 MPa uniaxial pressure
applied for 5 min and 70 kA pulse current at 3 Hz pulse frequency by Karak et al. [30]. Identical
trend was reported in other alloy systems as quoted earlier with regards to density and porosity,
by Roy et al. [37] in AlgsCuyoTi;s alloy, Mao-lin et al. [38] in nano-SiC, Yang et al. [39] in WC-
Zr0,-VC ceramic composites, Zhaohui et al. [40] in cubic boron nitride and Ardestani et al. [41]]
in W-20-40 wt% Cu composite powder.

Figure 17 shows the typical stress versus displacement curves generated through
compression tests of the alloy A consolidated by high pressure sintering at different temperatures.
The tests at each temperature were repeated three times to ensure that the results were
reproducible. From the stress-displacement curves, it is obvious that failure has occurred in the
elastic regime itself prior to yielding indicating that ductility under compression is almost non-
existent. The maximum compressive strength of 2550 MPa was obtained in the alloy D sintered
at 1273 K (1000 °C). These results of mechanical properties are summarized at Table 4.
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The process of fracture initiation and propagation has been independently monitored
through the observation of the cumulative intensity of acoustic emission events recorded from the
unit volume of the samples subjected to compressive loading (Figure 18). It may be noted that the
stress corresponding to the initiation of failure is distinguished by the rapid increase of acoustic
emission activity marked by arrowheads (Figure 18). It is worth noting that the extent of elastic
deformation prior to failure and the load bearing capacity of the sample pressed at 1273 K (1000
°C) is higher than in those sintered at lower temperatures. It may also be noted that the
compressive strength and hardness of these current alloys are 1.5 to 2 times higher than that (=
1400 MPa) of oxide dispersion strengthened MA 957 (Fe-14Cr-1.0 Ti -0.3Mo- 0.25 Y,03) steel
those reported by Kluch et al. [42] and also higher than that (= 1200 MPa) of nano-Y,Os
dispersion strengthened Ni-based superalloy [43]. The compressive strength of the present alloys
with a low density have been found greater than that of the maximum compressive strength (=
2203 MPa ) of the tungsten alloy (93W-4.9Ni-2.1Fe (wt %)) reported by Zhang et al. [44]. Lee et
al. [45] have achieved maximum compressive strength of partially stabilized zirconia (PSZ)
dispersed ODS tungsten heavy alloys (93W-5.6 Ni-1.4Fe (wt %)) to the tune of 1000 MPa which
is much lower than that of the present ferritic alloys.

The significantly high compressive strength of the present alloys can be attributed to
solid solution strengthening, precipitation strengthening and dispersion hardening. In the former
mechanism, the foreign/solute atoms produce lattice strain that can impede the dislocation
movement. Both elastic modulus and long range interactions are important components in this
mechanism at low temperature. It may be noted that the hardness and compressive strength of all
the four present alloys gradually increases with increasing content of Cr. The results from similar
studies by Cacres et al. on Mg-Al alloy [46] and Mg-Zn alloy [47] corroborate this theory. On the
other hand, ultrafine second phase particles (nano-Y,Ti,07/ Y,TiOs or unreacted Y,O3) produced
after consolidation have a low or no solubility in the matrix and can induce strength in the matrix

by dispersion hardening mechanism. The strengthening mechanism of the same set of ferritic
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alloys was reported recently in Karak et al. [29, 30] and similar kind of ODS alloys in Schneibel
et al. [48, 49]. It was observed that the alloys were brittle in nature after hot isostatic pressing
with 1.2 GPa uniaxial pressure at 873-1273 K (600-1000 °C) [29] and registered slightly improve
ductility after pulse plasma sintering at 873-1273 K (600-1000 °C) with 75 MPa uniaxial pressure
applied [30].

Figure 19 shows the FESEM image of alloy D sintered at 1273 K (1000 °C) after
indentation with 20 kgf load. The fracture toughness calculation is done from equation (1) by
measuring the average crack length. The length of the crack is the minimum in all the alloys
sintered at higher temperature (1273 K or 1000 °C). It is already demonstrated that the density,
hardness and compressive strength of the present alloys are a function of sintering temperature.
Similar trend is noted with regard to average indentation fracture toughness of all the four alloys,
as summarized in Table 4. The much lower indentation fracture toughness of the alloys
processed at 873 K (600 °C) is believed to be due to its higher porosity content. An FESEM
image depicting a typical indentation crack recorded under a load of 20 kgf is shown in Figure 19.

The fracture surfaces formed due to compression tests are shown in Figure 20 at different
magnifications. These FESEM images of the fracture surfaces reveal evidences of primarily
brittle failure, which is obvious from the corresponding stress - displacement plots in Figure 17
and acoustic emission record of the compression test distinctly marking (Figure 18) the onset of
failure at specific stress levels

Figure 20a shows evidence of cleavage type of failure as well as secondary cracking. On
the other hand, examination of the fractograph in Figure 20b shows presence of nano-size
particles on the fracture surface, suggesting that failure involves interfacial decohesion of the
Y,Ti,07/ Y,TiOs or unreacted Y,Os particles from the Fe-Cr alloy matrix. Thus, either lack of
adequate plastic activity in the matrix phase or decohesion at the dispersion-matrix interface
could account for early failure of these alloys despite very high yield stress under compression.
For ensuring reliability as a structural component, more effective sintering and ductility or
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toughness should be the next target of development of these otherwise high strength alloys. In
terms of fractography of the failure components , the present alloys showed quite similar
behavior as that earlier reported from hot isostatic pressing at 873-1273 K (600-1000 °C) under

1.2 GPa uniaxial pressure [29].

The compressive strength of the current alloys is minimum for alloy D (Table 5)
consolidated by high pressure sintering at 1273 K (1000 °C) as compared to that obtained after
consolidation by other two techniques namely, hot isostaic pressing and pulse plasma sintering. It
is important to note that for same set of alloys showed the mechanical properties in terms of
hardeness, Young’s modulus, compressive strength and indentation fracture toughness slightly
lower side as compared to our earlier studies showed that the same alloys following sintering by
hot isostatic pressing [28, 29] and pulse plasma sintering [30] were very strong but fairly brittle.
However, the same alloys seem to yield comparable or higher compressive strength with
marginally higher ductility following consolidation by pulse plasma sintering. Thus, it is
interesting to note that the same set of mechanically alloyed powders with identical composition
and microstructural state can eventually produce widely different mechanical properties when

sintered by different techniques using the optimum process parameters.

IV.SUMMARY AND CONCLUSIONS
From, the detailed structural characterization and mechanical property assessment of the
present nano- Y,Os dispersed ferritic alloys the following conclusions are drawn:

1. The present ferritic alloys record extraordinary high levels of compressive strength (1150-
2550 MPa), Young’s modulus (200-240GPa), indentation fracture toughness (3.6 to 15.4
MPaVm) and hardness (13.5-17.5 GPa) and measure up to 1.5-2 times greater strength with
a lower density (~ 7.4 Mg/m’) than other oxide dispersion strengthen ferritic steel (< 1200

MPa) or tungsten based alloys (< 2200 MPa).
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2. The novelty of these alloys lie both in the compositional range (wider range of Fe and Cr
contents) and microstructural features (uniform nanometric (10-20 nm) dispersion of ex-situ
pure (un-reacted Y,0;) and in-situ (Y,Ti,07 / Y,TiOs) mixed oxides and/or in-situ
intermetallic phases (Fe;TiY or Alg»Cr78Y). The latter is useful for dispersion
strengthening and/or grain boundary pinning at elevated temperature.

3. Despite high mechanical strength, ductility or toughness of the present alloys sintered by
high pressure sintering is not satisfactory as yet. The present results are similar to that
reported earlier from the same set of alloys sintered by hot isostatic pressing and pulse

plasma sintering.
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Figure 1:

Figure 2:

Figure.3:

Figure 4:

Figure 5:

Figure 6:

Figure 7:

Figure 8:

Figure 9:

Figure 10:

Figure 11:

Figure 12:

Figure 13:

FIGURE CAPTIONS

XRD patterns from the elemental powder blends of alloy A subjected to mechanical
alloying for 1 h to 40 h (cumulative duration)
XRD patterns from the elemental powder blends of alloy B subjected to mechanical
alloying for 1 h to 40 h (cumulative duration)
XRD patterns from the elemental powder blends of alloy C subjected to mechanical
alloying for 1 h to 40 h (cumulative duration)
XRD patterns from the elemental powder blends of alloy D subjected to mechanical

alloying for 1 h to 40 h (cumulative duration)

Variation of crystallite size and residual strain with cumulative duration/time of

mechanical alloying of alloys A, B, C and D, respectively

Mechanically alloyed powder of alloy A at 40 h: (a) bright field TEM image, and (b)
the corresponding SAD pattern

Mechanically alloyed powder of alloy D at 40 h: (a) dark field TEM image, and (b)
the corresponding SAD pattern

XRD patterns of alloy A consolidated by high pressure sintering at different
temperatures

XRD patterns of alloy B consolidated by high pressure sintering at different
temperatures

XRD patterns of alloy C consolidated by high pressure sintering at different
temperatures

XRD patterns of alloy D consolidated by high pressure sintering at different
temperatures
EDS analysis of alloy A consolidated by high pressure sintering at 1273 K (1000°C).
Alloy A prepared by high pressure sintering at 873 K (600°C): (a) bright field TEM

image, (b) dark field TEM image and (c) the corresponding SAD pattern
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Figure 14:

Figure 15:

Figure 16:

Figure 17:

Figure 18:

Figure 19:

Figure 20:

Alloy A prepared by high pressure sintering at 1273 K (1000°C): (a) bright field
TEM image and (b) the corresponding SAD pattern

Variation of density and porosity as function of sintering temperature used for high
pressure sintering

Variation of hardness and Young’s modulus as a function of sintering temperature
used for high pressure sintering

The variation of engineering stress with displacement for the alloy A prepared by
high pressure sintering at different temperatures

Cumulative acoustic emission events against the compressive stress recorded during
deformation of alloy A prepared by high pressure sintering at different temperature.
SEM image showing crack at the corner of an indentation formed under 20 kgf load
in alloy D sintered at 1273 K (1000°C).

FESEM images of the fracture surfaces generated during compression tests carried
out on the alloy A consolidated by high pressing sintering at (a) 873 K (600°C) and

(b) 1273 K (1000°C).
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Table 1:

Table 2:

Table 3:

Table 4:

Table 5:

TABLE CAPTIONS

Chemical composition of the powder blends subjected to mechanical alloying

Surface area (from BET analysis) and true density of the mechanical alloyed
powders (alloy A, B, C and D) after 40 h milling

Summary of EDS analysis of all the four alloys in mechanically alloyed (40 h) and
sintered conditions

Summary of mechanical properties of alloys A, B, C and D as a function of high
pressure sintering temperatures

Comparison of compressive stress of alloys A, B, C and D consolidated at 1273 K
(1000 °C) by high pressure sintering (HPS), hot isostatic pressing (HIP) and pulse

plasma sintering (PPS) processing techniques.
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